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ABSTRACT

Recent experiments on the brittle-ductile transition (BDT) of precracked
specimens of Si show that the transition is sharp, with a sudden rise in
stress intensity factor above the normal low temperature K;_, and that the
strain rate dependence of the transition temperature, T_, 1is controlled by
dislocation velocity. Etch pit observations show that dislocation
generation from the crack tip begins at K just below K;_, from a small
number of sources around the crack tip. The dynamics of plastic relaxation
has been simulated on a model in which a small number of crack-tip sources
operate and shield the crack. The criterion for failure is that the local
stress intensity factor (including dislocation shielding) K_=K;_. The model
predicts cleavage after some plasticity, and that a sharp transition is
obtained only if crack-tip sources are nucleated at K=K, just below K;., and
if these sources operate at K=K <<K, . A mechanism for the formation of
crack-tip sources by the movement of existing dislocations to and
interaction with the crack tip is proposed. The model predicts a dependence
of T, and of the shape of the BDT on the existing dislocation distribution,

and this has been confirmed by experiment. Quantitative agreement is
obtained between observed and calculated values of T_, and its strain rate
dependence. The general implications of this work on the conditions for

cleavage after plastic flow, and on the role of existing dislocations on the
BDT are discussed.
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1. INTRODUCTION

This paper addresses some of the fundamental questions relating to the
brittle-ductile transition (BDT) of intrinsically brittle materials
containing sharp precracks. At the BDT, plastic relaxation processes
(promoted by the high stresses around the crack tip) blunt and shield the
cracks, making crack propagation more difficult, resulting in an increase in
the fracture stress. Plastic relaxation can occur by the nucleation of
dislocation loops at the crack tips by the Rice-Thomson (1974) mechanism, or
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by the activation of existing dislocation sources in the material. We shall
discuss the relative roles played by these two types of mechanisms.

The brittle-ductile transition temperature (Tc) depends on strain rate. In
the case of precracked single crystals of silicon the activation energy
controlling T, is that for dislocation velocity (St.John, 1975; Hirsch et
al., 1987, 19§8; Brede and Haasen, 1988). To understand the reason for this
behaviour a computer model simulating the dynamics of dislocation generation
at crack tips has been developed and the predictions of this model are
compared with experiment.

2. EXPERIMENTAL APPROACH

We have used precracked single crystals of pure, 'dislocation-free' Si as
suitable models for experiments on the fundamentals of the BDT. The stress
and temperature dependence of dislocation velocity, in silicon, are well
established. The dislocation velocity v can be written

v = Ar™ exp-U/kT = t"v_ (1)

where U is the activation energy controlling dislocation velocity, r is the
resolved shear stress, m (~1) varies only slowly in the relevant temperature
regime (George and Champier, 1979), A is a constant, k the Boltzmann
constant, T the temperature, and v, is the temperature dependent part of the
velocity expression. The activation energy depends on doping. Mechanical
tests have been carried out using four-point bending of precracked bar-
shaped specimens. The fracture plane was a (111) plane, a natural cleavage
plane in Si. The sharp precrack was introduced by Knoop indentation at room
temperature. Crack depths of 13un and 37um were used. This technique also
leaves a plastic zone in the region of the indentation; the residual stress
was relaxed by annealing the crystals at 800°C in vacuum. Cook and Lawn
(1983) have shown that if residuasl stresses are present, there would be a
period of stable crack growth on loading before catastrophic failure

occurred. Examination after fracture of the cracks showed no signs of
stable crack growth, suggesting that the annealing treatment had removed
most of the residual stresses. Dislocation distributions around the crack

tip were revealed by using the "Secco" etch (Secco d'Aragona, 1972) on the
fracture surfaces. Specimens fractured at room temperature using the above
preparation treatment showed no etch pits around the original precrack
front.

C ) EXPERIMENTAL RESULTS

Figure 1(a) shows curves of applied load against cross-head deflection at a
particular strain rate for specimens tested just below (A), at T, (B), and
above T, (C). At the BDT the specimen fails by cleavage at a higher stress
than that below the BDT, but any plastic contribution to the load/deflection
curve 1is not measurable. Above the BDT the whole specimen deforms
plastically and does not fracture. Figure 1(b) shows fracture stress
against temperature for a given strain rate, for intrinsic Si. The
transition is extremely sharp. The range of temperatures from the highest
at which a specimen fractures in a completely brittle manner to the lowest
at which a specimen deforms plastically is typically about 10°C.

The transition temperature T, increases by about 100°C when the strain-rate
is increased tenfold. Figure 2 shows the results of tests carried out at
different strain rates, for intrinsic and n-type material. The precrack
depth is 13um in all experiments except for point C, where the crack depth
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Fig. 1(a) Load-displacement curves for
specimens tested just below (i%), at
(B) and just above (C) the brittle-
ductile transition temperature.
(b) Failure stress vs. temperature for
intrinsic silicon specimens tested
at the minimum strain rate.

1" 1 (St John)

08 10 .
11 16K

Fig.2 Plots of 4n(K) versus 1/Tc' for
intrinsic (I) and n-type (N) Si, for
the Oxford experiments, and also fgr
St.John's experiments on in;rin51c

material.

is 37um. The strain rate is expressed in t.erms of rate of:i ;nc.rea(sle98<]).f)‘
stress intensity factor, K, using the expression of Newman an sgu Sy
for a semicircular crack. Figure 2 shows that K «a exp—Ue/kEC, w! ex;iva%ion
the experimental activation energy. 'Il‘able 1f‘ (i‘omgia;'iefart ;,-:serigl fon
i i i i ity o .
regies with those for dislocation veloci . I b _
ngl;ieiment is within experimental error for bot;hStlr‘\]txixlns(llcg'/;)ndthgtt{gi
i i igi tion o .John
jal. This confirms the original s.ugges ;
Zizization energy controlling the strain-rate dependence of T_ is that for
dislocation velocity. It follows from ean.(l) that, at T,
K (2)
Kav,
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Table 1. Activation energies

Experiment ) Activation energy
xS Pend)  (2x1018 Pem-?)
BDT (this work) 2.110.1eV 1.6%0.1eV
BDT (St.John, 1975) 1.9eV -
Dlzi;pzzicjci;;ggGeorge & 2.2eV 1.7eV
Disln. velocity (Imai & 2.3eV 1.7eV

Sumino, 1983)"

(* doping levels used were 2x10!2 Bem 3 and 6.2x10!8 Pcm-3)

Zlgt\;;ee:edalds(;)u:{\ows S't:::.lIohn‘s original data for intrinsic Si, obtained using
e cantilever technique. The activati " i
that for dislocation velocit i insi e s i
C y for intrinsic material (see Tabl
. . . e 1

;f;gzet;s Sa con31derab'1e shift in T, to higher values compared with) 'thglslc:
from Ste:‘a.xf‘ort‘i: experiments. Typically the shift is ~100°C for comparable

in-rates. Point C obtained for a lar
' st : € ger crack-depth
tg:rlsntsal;]c; mztelrslal does not fall on the line for intrinsic m;;terigzum)with

ar um crack depth. This shift to hi

. ) ck de gher tempe

larger crack size is significant and will be discussed 1aterp ratures for a

in

k. ETCH PITTING STUDIES OF DISLOCATION DISTRIBUTION

Specimens which fractured at
test temperatures up to
bilgwch show no significant dislocation activityp. Fi?gtlri 3(:)ews::gr‘ees
etched fracture surface from a specimen tested only 1°C below T Shoz'wts ®
P

l“‘llI——> ma2)
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Fig. 3(a) Etched fracture plane of a specimen
tested only 1°C below T_.

(b) Tracing of etched f‘ractﬁre face of a
'transition' specimen; long rays of
dislocations emanate from the crack
front, mostly from the positions
(X,Y,P,Q) where the tangent to the
crack front lies in a slip plane.
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trains of dislocations apparently coming from the crack profile can be seen,
but the amount of dislocation activity is very small. Specimens deformed
above T, in the ductile region, up to the yield stress, show extensive slip
over the whole specimen.

However, at the transition temperature, when the specimen fractures at a
considerably higher stress than in the low temperature brittle region (see
Fig. 1(b)), the etched fracture face shows trains of dislocations along the
¢<110> directions, emanating from the precursor crack. Figure 3(b) shows a
tracing of an optical micrograph of such a specimen which failed at
K=1.6 MPam!. Trains of dislocations extend about 100um into the specimen,
each containing 80-100 dislocations, approximately in the form of an
inverted pile-up. The prominent rows of dislocations appear to come from
points where the {111} planes inclined to the cleavage plane are tangential
to the crack front. The fracture surface showed no evidence for stable
crack extension before fracture.

Intrinate
PR N
- Brittie
« Ductite

aetwe 4o

Fig. 4 Warm prestressing in silicon, with
13um deep precracks. Loading at
room temperature (path (a)) leads to
fracture at the normal K _.
Prestressing above T, (path (b))
increases the room temperature
fracture stress.

Tests were carried out in which specimens were deformed just above T, to a
stress about 1.3 times the low temperature fracture stress, unloaded, cooled
to room temperature and reloaded to fracture. Figure 4 shows an example;
the fracture stress at low temperature is about the same as the stress to
which the specimen was loaded at the high temperature. This is the "warm
prestressing” effect well known for steels. The etched fracture surface
shows etch pit arrays similar to those in Fig. 3(b). In this experiment the
dislocations observed are those generated during loading at the high
temperature, which are "frozen in" on cooling to room temperature. The
similarity between this etch pit distribution and that in a specimen
fractured at a similar stress at T, is strong evidence that no significant
plasticity occurs after the crack has become unstable at T_.

The value of K at which dislocations begin to be emitted at T_, was
determined by stressing the specimens at T, to values of K<K;., and then
fracturing and etching them at room temperature. These tests show that

significant dislocation activity at the crack tip, in a constant strain-rate
test, begins only at a value of K very close to K;. (~O-9K1C<K<K1c) .
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5s A DYNAMIC CRACK TIP SHIELDING MODEL FOR THE BDT

The dislocation distributions revealed by etch pitting at T. (see Fig. 3(b))
suggest that at the BDT a series of dislocation loops is emitted from
sources at or close to the points on the curved crack profile where the

{111} glide planes are tangent to the crack profile. Detailed stress
analyses (see Hirsch et al., 1989) indicate the mechanism by which this
might occur. After formation of the source, the screw parts of the

dislocation loop cross-slip around the crack profile, causing crack
blunting, while the edge parts of the loop move away from the crack and
cause shielding. The local stress intensity factor K, is given by

K, = K - ZK, (3)
where K is the applied stress intensity factor, and ZK, is the shielding
effect of the emitted dislocations (Thomson, 1978; Weertman, 1978; Majumdar
and Burns, 1981; for review see Thomson, 1986). We have considered only the
shielding effect. The justification for this is that in the present
experiments the blunting is 1likely to be due to screw dislocations which
will produce a sharply angled crack opening profile. Sinclair (1985) and
Paskin et al., (1985) have shown that for cracks with sharp corners the
stress singularity is not much wesker than for an infinitely sharp crack.

For this reason, and in order to simplify the problem, we have neglected the
blunting effect.

When crack propagation occurs entirely by a brittle mechanism, i.e. bond
rupture at the tip, without generation of dislocations, as appears to be the
case in the present experiments, the local criterion for fracture in pure
mode I loading is that

K, = K. (4)

During a constant strain-rate test in the transition region, as the applied
K increases, ZK, will increase as the number of emitted dislocations
increases, and KIe may increase depending on the test conditions. T. is
then defined as the lowest tempersture (for a given strain-rate) at which
K;.<K;. for all points on the crack profile, for all values of K > Ki.» up
to K with an associated stress level at which general yielding occurs.

To make the modelling tractable, sone simplifications have been made:

1. Mode I deformation is replaced by Mode III deformation. In Mode I
deformation (edge dislocations on planes inclined to the crack plane) the
presence of the crack introduces image dislocations; this leads to
complicated interactions in two dimensions (see Thomson, 1986). For Mode
III deformation, screw dislocations coplanar with the crack are produced,
the image dislocations are on the same plane, and the model becomes one

dimensional. Although Mode III calculations may not give numerically
correct estimates, they will give valuable insight into the factors
important in the dynamics of the problem. We have therefore used the

fracture criterion

K = K. (5)
2 The curved crack with multiple sources has been replaced by a straight
crack with two sources; the Burgers vector of the dislocations is parallel

to the crack front. The geometry is shown in Fig.5.

IIle
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Fig. 5 Simplified model of the crack front
and dislocation loops used for the
computer simulation. Loops expand
from points 'Y' and 'X', eventually
to cover point 'Z'.

3 We have assumed that the velocity of the edge componentsP:fe;::gizgg ii
tl:xe same as for the screws. This implies t:,hat the loops z‘a:he e the
the screw direction (i.e. the screws are twice as long arzws e - been

k tip and dislocation interaction stresses on the sc S e en
calc d assuming them to be straight and parallel, bu? a ) in
calcu%\izebe:n included which takes account of the dislocation image stress,
;gmof‘ a curvature effect in an approximate way.

i een
b The interaction between dislocations from different sources has b

neglected.

¢ . ; ien B
On these assumptions the stress on any dislocation at x; 1s give y

X.*

K apb  ub - ___1__) (6)
= =

Ty (2mx )} x o 2y (k) X

sEh
i iti jth dislocation, X that of the J
x. is the position of the 1 ) 2
g};ziicatiion « the line tension/image stress parameter which depends on e
,

i first term
=1/ i t of the calculations). The fi )
atge of fhe: oo e s " bip gte the second the line tension/image

i i 6) is the crack tip stress, t . | .
;trzg:attle(i‘l; ( 2he third the dislocation/dislocation interaction term (see
Thomson, 1986).
Using the expression for dislocation velocity (1) and writing

dxi & dxi

dt dK °’
we find %

. 1 dx. 1 X, 1
(K_) /m (__1) /m_ _ K _awb %% z (;(_J_) (_x—-ﬂ (7)
Vo L (2mx, )t X j#i i i 7J
i

For a constant strain-rate test, i.e. K=constant, wefcantFhergff“o;eacge;e;?:’re\i
iti i i . as a function
i ositions of the dislocations x; a )
i My pThe local value of the stress intensity factor at the source,

temperature.
i i b
K, ., is given by - (8)
K =K -Z ——
es j (anj)§
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We now assume that the dislocation loops at the source can be nucleated and
move :.away from the tip provided the stress at a critical distance x_. from
the tip is sufficient to expand the loop. Once nucleated, the back cstress
f‘r.'om this dislocation shields the source and the stress at x_ drops As the
d1§19cations move away, the stress at X, 1increases againc. and .when the
critical stress is reached another dislocation is emitted, and the cycle
repeats. This mechanism leads to a dislocation-free zone (DFZ), observed
and discussed by Ohr (1985). Figure 6 shows schematically how th'e distance
moved by individual dislocations, and K and K vary during a typical
ca:.Lculation. Figure 6(a) shows the boundary of‘esthe dislocation-fregpzone
which is found to decrease slowly with increasing numbers of dislocations

emitted. Any new dislocation crosses the DFZ rapi joini
pidly before
more slowly moving train. v Joining the

(b)

Fig. 6 Schematic illustration of the main
features of the computer simulation.
(a) Dislocation positions. At d
a dislocation can shield point C'EI' .
(b) Applied and effective stress
intensities at the source (K, ) and
point 'Z' (K,,).

t

The condition for nucleation at x_ is

+
—K_ g by o 1 (9)
(21rxc)* * 2”3' % (xc—xj) 9

The first dislocation is emitted at a critical value of

i
K = Ky = aub(21r/xc) (10)
’I'l'.xis value of Ky is indicated in Fig. 6(b). Effective K at the source (K__)
rises and falls as each dislocation is emitted. For a given strain ra?:;

the maximum stays close to Ky at high temperatures and increases with time
at low temperatures.

W<? now consider the shielding at the point Z on the crack front. The stress
field from any loops from the sources at X and Y which have not yet reached
Z might be expected to be antishielding. We have made the simplifyin
assumption that the point Z on the crack front in Fig. 5 will be shieldeg

only when the dislocation loops have moved past Z. Then the shielding at Z
is given by
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K, = K - z——“—b—i (11)
iy (27rxj)

summing over all the dislocations which have moved past Z. Thus shielding

at Z only starts at a time t; which depends on the distance XZ K.. is

shown schematically in Fig. 6(b).

Before discussing the detailed computations for Si, certain general
conclusions may be drawn from the form of the equations derived so far:

1. The models of mode III fracture discussed by Ohr (1985) and Thomson
(1986) distinguish between ductile and brittle regimes according to whether
the critical local stress intensity factor for dislocation emission at the
crack (K,,) is less or greater than that for brittle fracture (K;_ ). The
problem with this approach is that if K, <K, dislocation emission will
continue to occur and no subsequent cleavage fracture is possible. Sinclair
and Finnis (1983) have suggested that cleavage could follow emission if the
latter results in a mixed loading situation. (For discussion see Thomson,
1986.) In the present model cleavage is predicted after emission of a
certain number of dislocations (see e.g. Fig. 6(b)) for two different
reasons. Firstly, as emphasised above, the critical condition for
nucleation (equation 9) is that the crack tip stress on a dislocation at a
certain distance x_ is sufficient to move the dislocation away from the tip
against the image/line tension stress and dislocation interactions. Thus x_
corresponds to a critical loop size for nucleation. Equation (9) can be
rewritten, using equation (8) to give

+
Kes aub ub *e 1
x _ = 2n z ()—(_) (x,-x_)
(21rxc)* c i 7 j ¢

(12)

Thus the value of K__ at which emission occurs will vary as dislocations are
emitted, the change in the K_g for emission being controlled by the
dislocation interaction term on the r.h.s. of the equation. [When the
interaction term is neglected, emission occurs at a constant K_/ (EKee)].
Essentially the same point has been made by Lin and Thomson (1986) in their
discussion of the operation of an external source near the crack tip. For a
given K, below T_ the dislocations move slowly so that the smallest x; can
become comparable with x_, K.o and K_, increase with K, and eventually
K,,>Ki. and fracture ensues before further emission occurs. Above T_ the
dislocations move rapidly, emission continues throughout the test, and K_,
never reaches K, .. The second reason why cleavage can ensue after a certain
number of dislocations has been emitted is the requirement for the
dislocations to move a certain distance before they shield the most

vulnerable part of the crack (point 'Z').

2. Neglecting the temperature dependence of m, u, b in the temperature
range around the range of values of T, for different strain-rates, and
assuming Ky to be independent of temperature for each value of (K/v ), there
is a unique solution from equation (7) of the dislocation distribution as a
function of K, and correspondingly a unique variation of K__  or K,, as a
function of K or time t. There will then be a particular temperature-
independent value of (K/v ) for which K,, is just below K,  for all values
of K up to that at which macroscopic plastic flow sets in. Thus, the theory
predicts that the values of T, for different strain-rates satisfy the
relation K/v (T ) = constant, which is the experimentally observed strain
rate dependence of T, (see ean. (2)). The key assumption here is that Ky is
independent of temperature; it implies that the generation of a new
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dislocation is determined only by stress and
thermally activated process. (However,
nucleation model in §6).

is not controlled by a
see discussion of a delayed

6. RESULTS OF COMPUTATIONS FOR SI

The program simulates dislocation motion for given 'experimental' conditions
of K and T. Dislocation nucleation conditions are specified by selection of
two of Ky, a and x_, with the third then determined by equation (10) The
actual values of x. and a used to give a particular value of K we;e not
ft?und to influence the results. The calculations begin at K=K " with one
dJ'_slocation at x=x_. Values of Ky between 0.2K, and 0.95K N;Jere used
With a« = 1/4 in equation (10), the former corresptc)nds to x_ e 10.7b:. Thé

dislocation velocity data used were those
of George and Ch i
screw dislocations in silicon. ¢ migias L0 So

K (MPam?)

o 2000 4000

(X0 % 1000 2000 3000 ‘o
450°C 500°C

K (MPam?)

o 1000 2000 3000

550°C 600°C
Fig. 7 Computer simulations for K =

N
0.2K,., for four temperatures close

to the BDT showing applied K, K
and K,, for d,.;, = 5um and 7.5um.es

Computations have been carried out for various distan =

7.5um, which corresponds to the case for a semicirculfﬁfsc;igkizit; ;ggisz
13um, used in most of the experinents. Figure 7 shows a set of curves of K
K,, (for d..;, = 5um and 7.5um) and K, , for K = 886Nm-3/2s-!, and K =0 é
K;.. as a function of time at 450°C, 500°C, 550°C and 600°C. ' el
that at 450°C, the expected behaviour would be 'brittle', as K diverges
from applied K only after K exceeds K, . At 500°C, K for iiz =7 g m
equals K;_  for values of applied K only just above K, _. eAzt; 550'Ccr1118we"/e;
KEZ does not reach KIC until KX3K, ; since macroscopiéC plasticity éets in at':
K~2K; ., 550°C corresponds to the case when the specimen is expected to be

It is clear
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completely ductile. Thus, T, ~ 500-550°C for this strain-rate. At 600°C
the predicted curves for K., will not reach K . until K is at a level far
beyond that corresponding to the macroscopic yielding. Other points to be
noted are:

5. Dislocations at any particular time form an inverted pile-up, similar
to (but much smaller than) those predicted by static equilibrium
calculations (for review see Thomson, 1986) (see Fig. 6(a)).

24 At a given temperature, smaller values of d_ ;. give fracture at larger
values of K, implying a smaller T ; i.e. a size effect is predicted of the
type observed experimentally (see Fig. 2)

3. The slopes of the dislocation position versus time curves, are not
quite the same for all dislocations at any particular time; i.e. the
velocities (and total stresses acting) are smaller for the dislocations at
the head of the inverted pile-up, than for those nearer the crack tip. The
net stress on any given dislocation decreases slowly with time as it moves
away from the crack tip (Fig. 6(a)).

. In static treatments of the dislocation distribution at a crack tip,
the assumption is often made that the dislocations must overcome a constant
friction stress r, in order to glide away from the crack (Bilby et al, 1963;
Chang and Ohr, 1981; Ohr, 1985; Thomson, 1986; Lakshaman and Li, 1989).
Using reasonable 7, values for Si (5-10MPa) the length of the static
dislocation array is predicted to be very much larger than those predicted
from the dynamic models, or seen experimentally. Also, the dislocation
arrangements predicted in such treatments differ from those predicted at any
particular time from the dynamic treatment, since the total stress acting on
a dislocation is found to vary with its position in the moving inverted
pile-up.

5. K., is effectively constant except at very low temperatures (<~300°C),
when it increases slowly with time; the emitted dislocations move sO slowly
that further emissions can occur only when K,  increases.

X, (MPam®) o, (pm
K, (MPant) a, (um) 4, (um)

aso s0o0 580 saos:

450 500 580 s00

(a) Temperature (°C) (b) Temperature (°C) (c) Temperature (°C)

Fig. 8 Predicted variation of BDT with Ky.

Figure 8(a) shows values of K at which fracture occurs, K, (i.e. when
K”=KIC) as a function of temperature (at the same K,Ky as in Fig. 7, and
dcr“=7.5um). and the corresponding distances travelled by the 1leading
dislocation in the train, dg;. These curves show clearly that the predicted
transition 1is 'soft', 1i.e. the fracture stress {(proportional to KF)
increases gradually with temperature, and even below T, (~550°C), say at
500°C, the leading dislocation would have moved large distances and many

AFR-1—G
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dislocations would have been emitted.

This behaviour is contrary to that
observed; in practice no signific

ant plasticity is detected by etching even
a few degrees below T_., and the curve of K, versus temperature is very sharp
(see Fig. 1(b)). Thus, although the computations predict the correct range
for T_, the sharp nature of the transition is not reproduced. Further
calculations have been carried out for higher values of K, (Figs. 8(b) and
(c)). These curves show that the simple model with nucleation beginning and
continuing at Ky (even with Ky Jjust less than ch) always leads to a soft
transition, which is not experimentally observed. Etching experiments (see
Fig. 3) suggest that a dislocation nucleation 'event' occurs at a value of
applied K just below K .. Computations were therefore carried out in which
the calculations were started at an applied K=K,, at which dislocations
begin to be generated (where KN<X°<KIC). This simulates a nucleation event
(a possible mechanism for such a delayed nucleation is discussed in §7).

K, (MPam®) d, Gm) X, (MPam?) d, (um)
3 : Lad
Kyi 0.2Kig
LD
2 o pos:
P _l“ =
1 2 +°
450 500 550 800 450 500 550 600
(a) Temperature (°C) (b} Temperature (°C)
K, (MPam® d, (ym) X, (MPam?)
3 100 3
Ky 0.86K,c
2 %/ ey 00 3
o o 2
' SRS ° '
450 500 550 800 450 600 550 600
Temperature (°C) Temperature (°C)
(©) (d)

Fig. 9 Predicted variation of BDT with K.

Figure 9 shows calculations of K and d; as a function of temperature for
four values of K,, with Ky=0.2 K . and d_,.;, = 7.5um. These computations
show clearly that a sharp transition is predicted for K°~0.95KIC. consistent
with the experimental observations that no significant dislocation activity
occurs at T, until ~0.9KIC<K<KIC. The value of T, predicted for this
standard strain rate (~535°C) is slightly below the observed T, (~550°C),
but in view of the approximations in the model this can be considered as
good agreement. Calculations cerried out for K =0.95K;., and various values
of Ky, show that for values of K <<K, the form of curves is insensitive to
Ky in that a sharp transition occurs, but that as Ky approaches K , the
transition tends to become soft again. The sharpness of the experimentally

observed transition suggests that Ky<<K,, but the exact value of Ky is not
known.
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. % K (MPam?®)
X (MPam?) K (MPam?)

° time (s) ° M zo0e time (2)
(a) 510°C (b) 535°C (e) 570°C

Fig. 10 Characteristics of a shar.p brittle-
ductile transition. K,, is shown as
a function of time for three
temperatures: (a) 510°C; brittle.

(b) 535°C; transition. (c) 570°C; ductile.

Figure 10 shows calculations of K., ar:)clxdF as Azz frunc(ti;jcgns.%f; t‘z;u]x.eg a;ofg;‘)ee

s, for Ky=0.25 MPam’, K,=0.95K;.- . . ),
temp'iiratusresligh\:ly Ninit:ially and ct:,hen increases very gradually with 'tlme_
Ki‘édicl:‘s:'r.)ng fracture at KF=2.1 MPam?. This initial drop in Ky, w1th. a
F1)onger—term rise, eventually to reach K;.., is the reason for tk'\e steplike
sharp transitions in Fig. 9(d). At higher temperatures >T, (Fig. 10('(:))'
the drop in K., is greater and K,, reaches K, only after very long times,
when applied (;(z is very high (corresponding to stresses abc?ve the .overall
ield stress). At 510°C the behaviour is tqtally brittle, in that
fiislocations do not pass Z before K reaches K;. (Fig. 10(30)). .Note tl‘;at an
increase in temperature from just below to just above 535°C will produce a
jump in K from 1K, (=K;.) to 2Kp -

i ig. 10 can also be used to make estimates of the distanc':e
Ezvgffggsb;nt}felgdislocations and of thei%‘ numtfers when f‘rat():tlf.‘lre oc;curst in
the transition region, or when the spec1mfen is unloaded eK_olre6MPra¥ u?i
occurs. Fig. 3(b) suggests that for a specimen f‘ractl'm]e.ed at. = .N 'ama{) 1t
the transition region, dF“‘lOOum. and the number of dis OCatlSnOS 1sd ~§l510
100. The corresponding predicted values of" dp and N ared b3 um an S
respectively. Exact quantitative agreement 1S not exphected ecafusme oitude
severe simplifying assumptions made in the model .but tfe order o leag;:)de e
agreement is encouraging; more recent calculations for a simp
geometry (Roberts, unpublished) give better agreement.

In conclusion, the observed sharp transition and the temperature at which it

occurs 1is explained satisfactorily on the delayed nucleation m}?del. Tl"xe
conditions for a sharp transition are K, 7 K. and_KN << Ky - I(owevert: kl,re‘
order to explain the observed relation K/VP(TC) —}.(constant, §§) musSince
independent of temperature Or itself a function of (K/v,) (see "

the shape of the transition is insensitive to Ky, as long as Ky << K., Ky
could have some temperature dependence.

7. A MODEL FOR NUCLEATION OF CRACK TIP SOURCES

The computations and the experiments described above show that the'nal:,ur:-e of
the brittle-ductile transition in Si 1is sharp because no significant

AFR-1—G*
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dislocation generation takes place at the crack tip until crack tip sources
are generated at K, just below K;_. Once formed these sources begin to
operate at Ky (<K ), sending out avalanches of dislocations which produce
rapid shielding. We describe lere a possible mechanism for this 'delayed
nucleation'. Since the precursor cracks have been introduced by
indentation, there will be an associated plastic zone close to the surface.
Dislocations in the plastic zone may glide to the crack tip under the
influence of the crack tip stress field, which is weak initially but
increases in strength as the dislocation approaches the tip. When the
dislocation reaches the tip, the dislocations can cross-slip over a finite
length of dislocation line to generate a dislocation source. (For more
details of the cross-slip mechanism, see Hirsch et al., 1989). Assuming
that the cross-slip process is fast compared with the time taken by the
dislocation to reach the crack tip, the value of K, may be estimated. The
stress on a dislocation a distance r from the crack tip, in mode I loading,
is given by

Kf
T = Brr)t (13)
where f is an orientation factor. Substituting in equation (9) we find
m
gl‘. = iK_f)_mIZ vo (1[4)
dt (8nr)

At constant strain rate K (assuming f to be constant) this can be integrated
to give

m
m+1 m+1 - 2(m+l)(8ﬂ)m/2 r°(1+ /2)

K
’ ‘ ) (15)
(m+2) £" Vo

where K4 is the value of K at vhich the dislocation begins to move, r, is
the distance travelled by the dislocation to the crack front. Since m
varies only slowly over the temperature range of interest, and assuming that
for a given structure Ky, r, and £ to be independent of temperature, K, is
independent of temperature and a function only of (K/v,). Thus, for a given
value of (K/v,), K, is constant, as assumed in the analysis of the observed
strain rate dependence of T, (see §5). This means that at T., assuming a
constant initial dislocation structure, the dislocation will always reach
the crack tip (and form a source) at the same value of the applied K (=K, ),
independent of the loading rate. The condition for the brittle-ductile
transition can now be restated, namely, that a dislocation source is formed
at the crack tip just in time for the source to emit sufficient dislocations
to shield the most vulnerable points on the crack front before K reaches
Kios

Equation (15) also shows that T. depends on dislocation structure, in

particular tgrough r,, K. Assuming K , K,;, f to be constant,
(vo/K) = r, my , and therefore for larger r_ , v, must be greater for a given
K, and this implies an increase in T, . Since the size of the plastic zone

scales with the size of the crack introduced by indentation, we expect (at
constant K) T, to be larger for larger crack sizes, as observed (see Fig.
2). This size effect is expected to be larger than that depending on d
(see 86, Fig. 7).

erd &

Using equation (1), we can rewrite equation (15) in the form

exp(-U/kT,) = CK, where (16)
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The nucleation model can be tested quantit
values of C with the experimental values

From the computer calculations in
determined by the dislocation :
Transmission electron micrographs of sections
suggest dislocation loop lengths
Samuels and Roberts,
dislocation movement is ~ub/d,

c= 2(me1) (8m) /%, (1122 (17)

(m+2)fmA(Kom*1-xdm*1)
atively by comparing calculated
from the jntercepts of Fig. 2.
§6, K ~K, . ~1.17MPam°. K, is likely to be
loop 1lengths in the plastic zone.
through the plastic zone
(£) of the order of a few microns (see
1989) . Assuming that the critical stress for

K, ~ (8mr,)*/f)ub/4 (18)
and using f~i, £/b~10%, r, = 13.3um, we find Kd~0.u6MP§T%._1W1§2)E§% s?gi
values of f, r_, K0~K1c and with m=]_..22i :f=1.51x10 ms~ ! (Nm bl (eme
intrinsic and m=1.3, A=1.21x10"7ms ! (Nm~2)!- for n-type mater;? =
George and Champier, 1979), values of C can be calculated. ) These 2od
compared with experimental values in Table 2. The agreement is vegy %ate
for both types of silicon. Equation (16) can of course be used to calcu

Table 2. Calculated and experimental values of 1n(C)
[Units of C are Pa m *s]

intrinsic n-type
(2x10'3Pcm™3) (2x1018Pcm3)

Calculated from equation (17) -35.8 -30.2

Experimental values from figure 3(a) -36+1 -31%1

Table 3. Calculated and observed transition temperature T_

r, (um) 13.340.9 13.320.9 37.4%1.4
K(Pam!s™!) 886 1487 1487

T, (°C) (from eqn. 16) 56113 577 628+2
T, (°C) (experimental) 560£5 5765* 598+2

*(Interpolated)

T directly for a given K. Table 3 shows predicteq and observed Yalugs ?f
Tc for the slowest strain rates for the two crack sizes used, for 1ntrlgstc
Si with U=2.lev (George and Champier, 1979). The V?lue of K, is assum: to
be the same for both crack sizes (Kd=O.M6MP§m ). The agreemen li
reasonable, particularly for the smaller crack §1ze. For tbe 1arger.crac.
is predicted to increase, in qualitative accord with experiment;

i T
e o be due to a different value of K;.

the numerical discrepancy may

The observed lack of dislocation activity for temperatures significan?ly

below T. is due to the fact that K, is very close to K. Taklng
K_~0 95&3 there is only a very small temperature range at the brittle-
o 2 Ic?
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ductile transition esti
. timated at ~2°C f i
o S rom equation i i
Slggf};:;(;;:!(%c and -bm.ttle fracture will occur at K(=(é5))'-}(1n i
e O, 1slocat10n' activity. Over this range of Kezd:_isllc af;tel‘
omite bef‘gre ;_iources w1.ll not reach the most vulnerable poir?nt on tgcatlons
S o s f‘;rlfj;i_ff‘varl:tlon in precrack length will result in a rgnzzag?
; . erent specimens, and the i
Tc: This has been estimated from the observl;aedfoxfaer;:tiao I‘aflge o e B
. » n
u}s\1ng equation (15); the results are shown in table 3, and A o L
the same order as the observed velues. ' are seen to be of

8. THE ROLE OF EXISTING DISLOCATIONS ON THE BDT

@ (b © o Brite
700} < Ductie
]
g 600 el R
g soo- ’ P
s ! { PR
= 400+ | i r=
° " /
L } *
§ 300 o - @----------- DU @ ----lg---0--@
200+
100t
ol o — ke85

Temperature (°C)

Fig. 11 Failure stress versus temperature for:
(a) 'Control' specimens. T =545°C; ’
(b) 'Abraded' specimens T, =555°C '
(c) 'Polished’ specimens.‘T,=595°C;

Experiments were performed to check the pro
perf . posal that th i i 1
ggz;rt'g(lzlzgnebyofe);;stl.ng dlslf)cations in the crystal (:axfzf;ptﬁgzelnix?lt;s
el ol SpeCiuele:ndentatlon.). The top 4um of the precracked surface f‘
zone at the surface. sF;:iepii1zz:gai‘g:yéhzhg;Tr?‘mOVing puch of the plaSCOic
° : ‘ I rom such a s i
§nile:;§: bt;héit;ligg :gp}g}gsheé}/szpecillmens (curve (a)). It is pcelcelamrentkft::r'\ll‘e
i it .90Nm- s-1. This increase confirms the importan e
O achote s the trocatj,z.c.ms 1.n the. plastic zone in the specimens, and th‘i:e
R ey Sl t:a.nsu:lon'ls still controlled by nucleation of"crack t's
treatment. The ‘;Erllct‘c;rzlasse w};rllChT hat‘;iinnoi;plb'een tll;emoved s M pOlishiIllZ
: > : ies at existi i i
2ithae:e h?Z:tge:li];er of{)erating stress/smaller loop 1engt::1$t(1in.ge.d;iica)g:;l;ns
oty The higheragal rom ft:,he crack. (For further details, see Warreg)
i bl hiicas tﬁes of T, found.by St.John (1975) in his experiments'
e o alas At .be Oxford experiments, for the same strain rates (se'
St‘JOhn.'s e ine é‘l uted to a smaller dislocation density/source size ii
St.John's exper diff;' S. In the ;atter's experiments the cracks were
Introduced A f erent.manner. without forming a surface plasti
g of the dislocation sources in his crystals is not known re sone

urther o e el S e n, surface of the
A f th check f th mod has been mad by g!‘llldl g the

p()llslled specimen. This should intr oduce dislocations at the sur‘f‘ace, and
T would be expec ted to decrease again. Flgure 11 (b) shows the experlmental

results; T is now c1 n
- ¥ hoo . . .
! (o) 0 ower than for the pollshed specimen, 1n agreement
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Brittle, predeformed
Brittle, control
Ductile, control
Predicted values
N

2 e
¥

'

® de00

Failure stress (MPa)

Fig.12 Failure stress versus temperature
for pre-deformed specimens compared
with 'normal'’ specimens, and a

computer simulation.

The computer simulations of the emission of dislocations from the crack tip
sharp transition occurs when crack tip sources are formed at
Ko"KIc, which, once formed, operate at KN<<K0 (see Fig. 9). 1f, however,
such sources already exist in the precracked specimen before the test
begins, the transition should be "soft", as shown in Fig. 8. To test this
prediction, standard ptecracked specimens of intrinsic Si were deformed at
T, to a value of K~0.9K; ., then unloaded, cooled to lower temperatures and
reloaded to fracture at the new temperature. The pre-def‘ormation should be
just sufficient to nucleate crack tip sources, Or to make the time needed
for nucleation negligible. Figure 12 shows the results of such a set of
experiments. The BDT of the pre-def‘ormed specimens 1is now "goft" as
predicted, and crack tip plasticity induced at lower temperatures. Figure
12 also shows for comparison a computer simulation curve for the case
KN=O.2KIC, for comparable strain rates. Observations of dislocation
distributions on the etched surface of the cracked specimens show a
progressive increase in dislocation generation with increasing temperature
of testing, as expected. (For further details, see Warren, 1989) .

Existing dislocation sources in the crystal may not always control the BDT.
For a given £ they must lie within a certain distance T, from the crack tip.
It follows from equation (15) that a necessary condition is Ky<Kico» 1.8

from equation (15),
r b < (Ko £/ (8m)tu) (£/P) (19)

Thus, for example, taking £ = 0.7 for silicon, if l/b"lO". e < 650um. £
no suitable sources are present within the appropriate radius r,, the BDT
will be controlled by other processes, €-.8- the Rice-Thomson (1974)
nucleation mechanism. This may be the situation in experiments on
precracked thin foils of silicon by Chiao and Clarke (1987), who have
reported the emission of dislocations from cracks in the absence of any

existing dislocations in the crystal.
9. DISCUSSION AND CONCLUSIONS

a) The fact that in the specimens of Si which have not been pre-deformed,
no dislocations are emitted from the precracks until K>0.95K;.. implies that

155



for Si there must be an energy barrier for dislocation loop nucleation by
the Rice-Thomson mechanism for K values at least up to this level. This
work shows that for such a material, pre-existing dislocations in the
crystal can control the BDT, even if the initial dislocation density is very
low. The reason is that crack-tip sources can operate at values of K <<K;_,
the value of K, depending on the length of the source. Such crack-tip
sources can either exist already in the specimen before the stress is
applied, or they can be produced by existing dislocations in the specimen
moving to the crack and transforming into sources during loading.

b) The strength and distribution of the existing dislocation sources are
very important. Sources situated at or close to the crack tip are most
effective in shielding (and blunting) the crack, and even a small number of
such sources can produce rapid shielding along the crack front. If such
sources pre-exist at or near the precrack, the BDT is soft. In Si such
crack-tip sources can be produced by suitable pre-deformation at T , and the
BDT is found to be soft as predicted. Such soft transitions are observed in
b.c.c. metals containing precracks introduced by spark-machining (Hull et
al, 1965; Liu and Bilello, 1977; Ripley, 1981). Etch pit observations on
precracked single crystals of tungsten (Liu and Bilello, 1977) show a high
density of dislocation etch pits near the crack front prior to loading. It
is possible therefore that in these cases also the BDT is controlled by
existing dislocations.

If such sources are not present, then the BDT is controlled by the time
taken for nucleation of such dislocation sources by movement of existing
dislocations to and interaction with the crack front. Under such conditions

the BDT is sharp, an avalanche of dislocations being emitted. The source
nucleation mechanism requires the presence in the specimen of dislocations
which can move towards the crack at a value of K<K;_. If no such

dislocations exist, then the BDT will be controlled by the Rice-Thomson
mechanism. This may be the case in electron microscope experiments on crack
propagation in thin foils, where emission of dislocations from crack tips,
without the help of existing dislocations, has been observed in b.c.c.
metals (Ohr, 1985) and in Si (Chiao and Clarke, 1987).

c) In the experiments on pre-cracked Si described here, no significant
dislocation generation occurs during brittle crack propagation at the BDT,
i.e. after the pre-crack becomes unstable. The extensive plastic zone is
developed during loading up to the instability point, and the strain rate
dependence of T, has a simple explanation in terms of the stress and
temperature dependence of the dislocation velocity in the loading part of
the test. The increase in the fracture stress at the BDT is controlled by
plastic relaxation during loading, and this conclusion may be generally
applicable when rapid unstable cleavage fracture occurs. This point has
already been stressed by others, e.g. by Liu and Bilello (1977). Different
considerations must of course apply to the conditions of arrest of fast
running cracks.

d) Two new mechanisms have been identified which make it possible for
cleavage to occur after some creck tip plasticity. Firstly, while cleavage
fracture is governed by the local stress intensity factor K, reaching K;_,
dislocation emission is controlled by a critical stress at a finite distance
from the crack-tip, r_. The crack-tip stress at r_ will not be adequately
described by K, when the emitted dislocations remain close to the crack tip.
This difference can increase as more dislocations are emitted so that K,
must increase for further emission to occur, and eventually K;_  is reached.
This situation can arise at low temperatures when the dislocation velocity
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is low, or when the emitted dislocations meet obstacles (work hardening),

Secondly, if shielding occurs by generation of dislocations from a

etc. . : Py .
finite number of sources at the crack tip, the emitted dislocations have to

run sufficiently far to shield those parts of .the :rac}('ta‘giilcf:::io:)};e

h crack-tip sources continue to emi S
T e e fast enough, because of their
hielding as K

e b ble to move
the dislocations may not be ab. e
internal interaction, to continue to produce adequate s

increases.

i work shows that '"warm prestressing" can have two effects.

E;rstr{;TSdeformation at or above T_ leads to shielding a.t lower tf:piizzxéﬁiz
by the "frozen-in" dislocations, and thereforg to an 1ncreaseth eile)
stress in the "brittle" regime. Secondly, in cases where. ehar )
dislocation density near the crack tip is'lf)w, and the 'BDT is Zs- rér'lepBDT
deformation at T, up to K;. generates efficient crack-tip sources;
becomes soft and is shifted to lower temperatures.
f) The main parameter controlling the BDT is. the dislocgt_:lc;r? :eéz&;tz.
Any mechanism which reduces the average -veloc.:lty, e.g. ra ia 1oT : Sgd,‘
solution or precipitation hardening, 1is .llkely to 1ncr;:se f%éct ch
mechanisms of course also increase the ylelq stress. e e e
dislocation density is more complex, since the d'l.sta.nce of a sourcl(i on the
crack and its strength (loop length) &.u-e 1mportf3nt', as'wle t-aons he
interaction of the emitted dislocations with the e?x1st11'\g dlsocéci 1135 =
the material. This requires further detailed cor‘xs1derat10n.. ioiid s o
the propagation of the plastic zone, suc_:h as gra;}n boundarles;: s uld tea
to a back stress which reduces dislocation Yeloc1ty and r_)romo gsl et né
Such effects can be taken into account in the dynamic modedl,

computations have yet been carried out.
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